In this work, spherical nanoindentation-with nanoindenter radius of 1 or 13.5 m-was used to explore the deformation behavior of GaN freestanding films with two orientations, C ͑basal͒ and A ͑prismatic͒, grown by hydride vapor phase epitaxy. For the C plane, all the results shown herein and most of those in the literature can be explained by invoking the activation of basal slip alone. The wide distribution of pop-in stresses in the C plane is believed to depend on initial surface and/or near surface defect concentrations. By converting the nanoindentation load-displacement data to indentation stress-strain curves and comparing those for the A and C planes after the pop-ins, we conclude that basal slip is also implicated in the deformation of the A plane. The elastic moduli, determined from spherical nanoindentation, depend on the indenter size. In the C plane repeated spherical nanoindentations, to the same stress, result in reversible, hysteretic loops that are attributed to the formation of incipient kink bands and/or the to-and-fro motion of mobile dislocation walls.
I. INTRODUCTION
Single crystal GaN, a III-V wide-band-gap semiconductor, has received a great deal of attention in the recent past due to its potential for the realization of photonic devices such as laser and light emitting diodes ͑LEDs͒ operating in the ultraviolet portion of the electromagnetic spectrum as well as solar-blind photodetectors. 1 Its wide band gap, high breakdown field, and high electron saturation velocity also make it an attractive candidate for the development of electronic devices operating at high temperature, high power, and high frequency relative to competing materials such as silicon and gallium arsenide. 2, 3 While GaN holds the promise for the advancement of a number of technologies, its ascension to maturity has been rather sluggish. Technological hurdles in the growth of bulk GaN by standard melt techniques and the nonexistence of a suitable lattice-matched substrate have forced researchers to conduct the vast majority of studies in this material on heteroepitaxially grown thin films, with C-plane ͑0001͒ sapphire and silicon carbide being the traditional substrates of choice. 4 The mismatch of lattice constants and thermal expansion coefficients in such heteroepitaxy results in high dislocation densities and a high level of residual strain in the GaN film postgrowth, which inevitably affects measurement of its physical properties.
To date an accurate accounting of the various physical properties of GaN remains a task of significant interest in the scientific community, requiring a decoupling of the substrate influence from the GaN layer prior to measurement. Much effort has been made to develop processes to generate thick GaN layers and subsequently separate them from their substrates as evidenced by the open literature. [5] [6] [7] [8] Once separated, the GaN is said to be freestanding. In this work, the mechanical deformation of bulk freestanding GaN films under spherical nanoindenters is examined. Such knowledge is of great importance for realizing better manufacturing processes and device stability. Most of the earlier nanoindentation studies, carried out on GaN thin films or bulk single crystals, [9] [10] [11] [12] reported pop-in events during loading which were explained by the activation of pyramidal slip. 10 Yu et al. 9 observed pop-ins in GaN thin films deposited on sapphire substrates using both Berkovich and 5 m spherical indenters. Navamathavan et al. 11 reported a similar behavior when thin films deposited on sapphire substrates were indented with a Berkovich indenter. Pop-ins due to dislocation nucleation during spherical nanoindentation were also confirmed by Caceres et al. 12 and Kucheyev et al. 10 On the other hand, Nowak et al. 13 did not observe pop-in events when they used a Berkovich indenter on bulk crystals. Using a 4.2 m spherical indenter, Kucheyev et al. 10 reported the hardness of C-plane ͑0001͒ GaN epilayers on sapphire substrates to be 15.5± 0.9 GPa at 150 nm displacement into surface. The modulus value was 210± 23 GPa. They also showed evidence of slip bands on the indented surfaces. In a more recent paper on similar films, Bradby et al.
14 using a combination of spherical nanoindentations and cross-sectional transmission electron microscopy ͑TEM͒, showed that at loads greater than the pop-in loads, the deformation in the C plane under the indenter was due to extensive slip mostly on basal planes.
Recently, we have shown that spherical nanoindentation can be a powerful tool to characterize the mechanical deformation of single crystals. [15] [16] [17] [18] [19] [20] This is especially true since we developed a procedure to convert indentation load/displacement curves to indentation stress/strain curves for a wide range of materials. 17 Prior to our paper, there had been some attempts in that direction, but for reasons that are unclear, they were not pursued and/or their usefulness was not emphasized. 21, 22 For a more comprehensive literature review of spherical nanoindentation work, the reader is referred to Ref. 17 . In this paper we apply this technique to understand the response of two different GaN surfaces to a highly localized stress. Here, repeated spherical nanoindentations into the same location-of both C ͑basal͒ and A ͑prismatic͒ GaN orientations-with two different tip radii were carried out. We also indented the surfaces with calibrated Vickers and Berkovich indenters.
II. EXPERIMENTAL DETAILS
The bulk GaN used in this study was grown by the hydride vapor phase epitaxy ͑HVPE͒ method onto both C-plane ͑0001͒ and R-plane ͑1012͒ sapphire substrates. The GaN deposited on the ͑0001͒ sapphire is of a ͓0001͔ orientation ͑C plane͒, while the film deposited on the latter has a ͓1120͔ orientation ͑A plane͒. 23 Both GaN films were grown to a thickness of Ϸ1.3 mm. The separation of film and substrate was achieved through a process employing an engineered GaN buffer layer, 100 nm thick, at the heterointerface. This buffer layer is designed to fail mechanically under the effects of thermal stress during the cooling phase of the growth process, thereby liberating the GaN layer from the substrate. Details of this method can be found in Ref. 24 .
The nanoindentation experiments were performed at room temperature, using a nanoindenter ͑XP system, MTS Corp., TN͒ with a continuous stiffness measurement ͑CSM͒ attachment. Two diamond hemispherical indenters with radii R of 13.5 and 1 m were used. The radii of the spheroconical tips were verified by careful measurements in a scanning electron microscope ͑SEM͒. A constant loading rate/load ratio of 0.1 was employed. Typically, the tip was indented into the same location at least five times at a given load. To correct for a small instrumental drift, the unloading segments of the second and subsequent cycles were shifted so as to align them with the corresponding unloading segment of the previous cycle. This was only carried out if and only if successive cycles had identical areas under the load-displacement curves.
Postindentation surface features were examined using a SEM ͑FEI, XL30͒. We also measured the Vickers microhardness using a load of 10 N. The moduli and hardness values of the two surfaces were also measured using a Berkovich indenter and the Oliver and Pharr method. 25 The contact depths h c and the contact radii a for the spherical nanoindentation were determined, assuming 17 h c = h t − 3 4
, ͑2͒
where h t is the total displacement and S is the contact harmonic stiffness measured by the CSM. ␦ is an adjustable parameter of the order of a few nanometers used to render the slopes of the stress-strain curves in the initial elastic regime equal to the moduli obtained from the S vs a plots ͑see below͒. 17 It is important to note that ␦ is quite small and could easily have been eliminated without affecting the conclusions of this work. This factor mostly affects the slopes of the stress-strain curves in the early elastic regime. 17 From Hertzian analysis we know that 21,26
where the left-hand side represents the Meyer or indentation stress 27 and a / R is taken to be the indentation strain. E * is a reduced modulus given by 1 / E
, where the subscripts s and i refer to the specimen and the indenter, respectively. Poisson's ratio and the elastic modulus E i for diamond were assumed to be 0.07 and 1140 GPa, respectively. The details of the conversion procedure can be found in Ref. 17 .
III. RESULTS AND DISCUSSION

A. C plane
Typical nanoindentation load-displacement results for the C orientation obtained with the 13.5 m indenter in six different locations ͓Fig. 1͑a͔͒ were characterized by pop-ins. The pop-in loads were quite variable; their extent increased as the pop-in loads increased. After the pop-ins, the loading and unloading curves taken to the same maximum load for all locations coincided. In one location ͓open squares in Fig.  1͑a͔͒ the response was linear elastic up to the maximum load of 500 mN.
Since S =2aE sp * , where E sp * is the effective spherical indentation modulus of the sample, it follows that the latter can be readily determined from S vs a plots. 17 Such plots, for both orientations and for both indenter tips, are shown in Fig.  2 . ͑The results for the A plane, are shifted to the right by 2000 nm for clarity.͒ The 13.5 m indents on the C plane resulted in a sample modulus E sp of 212± 9 GPa, which is in excellent agreement with the value of 210± 23 GPa, where a 4.2 m radius spherical indenter was used. 10 The moduli values obtained when the 1 m indenter was used-297± 15 GPa-are significantly higher. At 261± 3, the Berkovich modulus is in between the two. Clearly the indentation moduli are tip size and shape dependent. At this time the origin of these differences is not understood; more work is needed to understand them. Note that 1 / s 33 for GaN is 328 GPa, 28 and thus, for this orientation, the result for the 1 m indenter is the closest to the theoretical value. This comment notwithstanding, it is hereby acknowledged that the indentation elastic modulus is not necessarily equal to 1/s 33 , but is a more complicated function of the elastic constants. 29 Typical indentation stress-strain curves, for both tips, obtained on the C plane are shown in Fig. 3͑a͒ . As noted above, the ␦ corrections were of the order of ±2 -5 nm. The curves are characterized by a linear elastic region ͑the dashed inclined lines correspond to the moduli determined in Fig. 2 for the two indenter tips͒, followed by a not too precipitous drop in stress that accompanies the pop-ins. After the popins, the stress either remains more or less constant at Ϸ10 GPa for the 13.5 m indents ͓Fig. 3͑a͔͒ or exhibits a shallow minimum, after which it increases more or less linearly at a slope that is significantly lower than the slope during the elastic regime. The pop-in stresses are quite stochastic for both indenter sizes. Note that for the former no results are obtained for indentation strains Ͼ0.27 since that was the limit of our load; for the 1 m indenter the results were truncated at a strain of 0.5, which corresponds to the maximum depth up to which the assumption that the indenter was spherical ͓viz., Eq. ͑2͔͒ is valid.
For reasons that are not clear and despite the fact that the slopes of the S vs a lines in Fig. 2 for the 1 and 13.5 m are different, when these results are used to obtain the indentation stress-strain curves, the initial slopes of the latter are almost identical. In other words, they are not different, as one would expect. The same is true of the A plane ͓see Fig.  3͑b͔͒ . Such a discrepancy was not observed in either sapphire 18 or ZnO, 15 where both tips resulted in almost identical moduli and is thus not an artifact of our procedure.
Interestingly, and possibly coincidentally, the stress level after the pop-ins for the most part fall in between the Vickers microhardness values of 10.9± 0.1 GPa ͓shown as dashed horizontal line in Fig. 3͑a͔͒ 
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GaN. 30 This comment notwithstanding, defining a hardness value from the spherical nanoindentation stress-strain curves is problematic because of work hardening. The same was true for the single crystals of sapphire 18 and ZnO. 15 Typical nanoindentation load-displacement plots for the repeat cycles in a given location are shown in Fig. 4͑a͒ . Here, the same location was indented first to a load of 30 mN for 10 cycles with the 1 m spherical tip before increasing the load to 60 mN for another 10 cycles. Note the fully reversible and reproducible nature of the loops at each load ͓inset of Fig. 4͑a͔͒ . As discussed below, we take that to be evidence
B. A plane
Typical load-displacement plots for the A plane are shown in Fig. 1͑b͒ .
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The dashed inclined lines in Fig. 3͑b͒ correspond to the moduli measured by the 13.5 and 1 m tips obtained from Fig. 2 . Like in Fig. 3͑a͒ , the initial slopes of the indentation stress-strain plots are almost identical for the 1 and 13.5 m indenters. In other words, the former are lower than one would expect based on the results shown in Fig. 2 .
Here again, coincidentally or not, our results are in reasonable agreement with the Vickers microhardness value of 9.9± 0.3 GPa ͓dashed horizontal line in Fig. 3͑b͔͒ and the Berkovich nanoindentation value of 13.2± 0.2 GPa ͓solid horizontal line in Fig. 3͑b͔͒ measured herein on the same surface. Note that data shown in Fig. 3͑b͒ represent the limits of the load on our nanoindenter and the sphericity of the 1 m indenter.
The typical indentation stress-strain curves, obtained for both tips in various locations ͓Fig. 3͑b͔͒, are characterized by a linear elastic regime, followed by what appears to be a "yield" point, beyond which the response is still linear, but at a different slope. In contradistinction to the results obtained for the C plane ͓Fig. 3͑a͔͒, the variability between the results from the various locations is significantly reduced. The absence of pop-ins and the reduced variability are most probably due to a high defect concentration at and/or near the surface ͑see below͒.
The spherical nanoindentation load-displacement plots for repeat cycles in the A orientation in a given location are shown in Fig. 4͑b͒ . Here, also the same location was indented at 30 mN for 10 cycles, and then at 60 mN for another 10 cycles with the 1 m indenter. In this orientation subsequent loop areas get progressively smaller with cycling until they saturate, but at an area much smaller than that obtained for the C plane ͓Fig. 4͑a͔͒. The inset in Fig. 4͑b͒ shows the repeated indentation result in the same location on the A surface with the 1 m indenter and up to 60 mN. Note that unlike the C surface, the areas encompassed by the loops are reduced to a considerable extent up to cycle 17 before becoming almost constant.
C. Possible deformation mechanisms
Earlier work has shown that when the C planes of GaN are indented, basal slip is activated. In agreement with previous work, 10, 14 there is little evidence for plastic deformation prior to the pop-ins ͓Fig. 3͑a͔͒. The excellent reproducibility of results-from location to location-after the pop- ins ͓Figs. 3͑a͒ and 3͑b͔͒ is also consistent with a dislocationbased mechanism. The variations in pop-in stresses suggest that-like in ZnO ͑Ref. 15͒-the initial defect concentration on and/or near the surface is the rate-limiting factor. The effect of defects, or lack thereof, on pop-in stresses was best illustrated by Nowak et al., 31 who implanted Ni 2+ and Au 2+ ions into sapphire single crystals and showed that with increasing defect concentrations, the pop-in stress decreased substantially. It follows that the fact that the A plane did not exhibit popins could thus be due to the fact that the deformation is accommodated by basal slip for which nucleation of dislocations is not rate limiting and/or the surface is quite defective. The latter is the more probable, however, since pop-ins were observed in this orientation in ZnO single crystals. 15 The nature of these defects is not clear, but recent work suggests it could be threading dislocations. 32 In sapphire, where presumably all slip is basal, the stress-strain curves both before and after the pop-ins for both C and A orientations were almost perfectly superimposable. 18 This is also true in this work. When Figs. 3͑a͒ and 3͑b͒ are superimposed ͑not shown͒, it becomes evident that the strain hardening rates after the pop-ins are almost identical. It is thus reasonable to implicate basal slip for the deformation in the A orientation as well. In contradistinction, in ZnO single crystals, the flow stress for pyramidal slip was higher than basal slip and the hardening rates were quite different in the C and A directions.
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D. Kinking nonlinear elasticity
Recently, we postulated that most solids with c / a ratios Ͼ1.5 belong to the same class of solids we labeled kinking nonlinear elastic ͑KNE͒. 19, 33 Experimentally, the signature of KNE solids is the formation of fully reversible, hysteretic stress-strain loops on repeat loadings. 34 This full reversibility is due to the formation of IKBs that are comprised of two nearly parallel dislocation walls of opposite polarities attracted to each other such that when the load is removed they annihilate. Given that the response of the C plane to repeated indentations is indeed fully reversible and hysteretic ͓Fig. 4͑a͔͒, we conclude that IKBs are implicated. This response is similar to the deformation behavior observed in other KNE solids such as layered ternary carbides, 16, 34 mica, 19 graphite, 20 and, more recently, sapphire 18 and ZnO single crystals. 15 The energy dissipation per cycle, per unit volume, W d , is the area enclosed by the fully reversible hysteretic loops in the indentation stress-strain plots. To measure W d usually the last cycle is used. The W d ͑ϳ20 MJ/ m 3 ͒ for the repeated indentations on C-plane samples can be possible only by to-and-fro motion of dislocations. 34 The other two possibilities-fracture and phase transformation-can readily be ruled out as fracture cannot lead to hardening as observed in Fig. 3͑a͒ , and there is no evidence of a phase transformation in GaN at the stresses reported here. From our microscale model, 33 based on the earlier work by Frank and Stroh, 35 on the growth of subcritical elliptical kink bands of dimensions 2␣ and 2␤, the condition for instability can be represented as
where c and c are the critical shear and normal stresses, respectively, b is the Burger vector, and G is the shear modulus which can be approximated by c 44 in the case of a single crystal. ␥ c is the critical angle of kinking given by
where is Poisson's ratio and D is the distance between two dislocations in the kink walls. In the model it has also been shown that the energy dissipated per cycle,
where k 2 represents a factor that relates the local IKB shear strain to the indentation strain of the sample ͑assumed to be equal to 2 ͑Ref. 36͒͒, IKB represents the nonlinear strain, and ⍀ is the energy dissipated by a dislocation of unit length sweeping a unit area.
To examine the assumptions of our IKB model 33 embodied in Eqs. ͑4͒-͑6͒ we need to estimate ␥ c . In Fig. 3͑a͒ , the threshold stress for the formation of the initial KBs ͑the pop-in stress͒ is Ϸ12 GPa. Assuming that the shear stress under the indenter is approximately half the normal stress, it follows that c in Eq. ͑4͒ is Ϸ6 GPa. For GaN c 44 is 241 GPa ͑Ref. 28͒ and consequently, c Ϸ c 44 / 40, which is not unreasonable. Assuming that G = c 44 = 241 GPa, = 0.2, and b = a = 0.319 nm, 37 from Eq. ͑5͒ we calculate ␥ c to be Ϸ0.05. Hence, D is almost 6.4 nm. In other words, a dislocation is present along the c axis every Ϸ64 Å. The c-lattice parameter is 5.185 Å ͑Ref. 37͒, and the total length of the IKB, 2␣, as calculated from Eq. ͑4͒, is 51.5 nm. Then according to Eq. ͑6͒, ⍀ / b Ϸ 1 ± 0.4 GPa. According to our previous work, it was postulated that ⍀ / b should be of the order of, if not identical to, the critical resolved shear stress of basal plane dislocations. 33 Therefore, our values are, given all the assumptions made in obtaining them, quite reasonable and lend credence to both our model and results.
Like in sapphire, 18 we believe that the small hysteretic areas immediately after the pop-ins ͓i.e., during cycles 2 to 10 in Figs. 4͑a͒ and 4͑b͔͒ are a consequence of the fact that the sizes of the domains ͑viz., 2␣͒ that form at that juncture are too small for the initiation of IKBs: i.e., the applied stress is smaller than the threshold stress given by Eq. ͑4͒. This is presumably why loading to the higher stresses results in larger loops, at least in the C direction ͓Fig. 4͑a͔͒.
When a close square array of 400 mN indents with the 13.5 m spherical tip were imaged in the SEM ͓Fig. 5͑a͔͒, no slip lines-as in ZnO ͑Ref. 15͒-were observed. This does not mean they do not exist, however. Kucheyev et al. lelograms. These slip lines cannot be due to basal slip. More important, however, are the room temperature cathodoluminescence ͑CL͒ images of the indents by the same authors. 10 In those images a six-fold symmetry-Star of David configuration, consistent with basal slip in three directions at an angle of 60°͓right inset, Fig. 5͑a͔͒ to each other and composed of a series of parallel lines-is clearly visible. The star extends considerably beyond the contact diameter. This last observation cannot be overemphasized since it implies that the defects were mobile and clearly resulted from the indentation. It is important to note that another possible source of energy dissipation could be the to-and-fro motion of these mobile dislocation walls ͑MDWs͒.
The left inset of Fig. 5͑a͒ shows how basal slip can cause the formation of MDWs and/or permanent kink boundaries. 38 It also explains the formation of pileups around the indented region, shown in Fig. 5͑a͒ and also reported in Ref. 10 . In light of the above discussion, it is reasonable to conclude that the defects observed in the CL images are nothing but MDWs-the precursors of kink boundaries-and/or kink boundaries. 16, 38 Note that neither pyramidal nor prismatic slip can account for these features. In situ CL studies, while a surface is being indented, are indicated and could prove to be invaluable. Also consistent with this conclusion is the lack of pileup in the A direction ͓Fig. 5͑b͔͒. Here, presumably, the kinking occurs directly under the indenter. CL of indents in this direction should confirm this hypothesis. Lastly, in this section we note that Fig. 5͑b͒ is quite reminiscent of indentations in the A planes of Ti 3 SiC 2 ͑Refs. 16 and 39͒ in that there are no pileups around the indentation, and microcracking-presumably parallel to the basal planes-is observed. Since in Ti 3 SiC 2 deformation occurs strictly by basal slip, we assume that the same occurs here. Moreover, while these observations do not prove that basal slip alone is implicated, they certainly show that the features observed can be obtained by basal slip alone.
It was postulated earlier that high c / a ratios render nonbasal slip prohibitively expensive. Thus, only kink band formation-made possible by basal slip-can be activated during deformation. 19, 34 The results of this work are consistent with these notions since our results for the C plane can be explained by invoking only basal slip. The fully reversible loops ͑W d is ϳ20 MJ/ m 3 ͒ during the repeat cycles observed herein ͓Fig. 4͑a͔͒ suggest that the GaN films explored herein belong to the larger group of KNE solids. Also, based on our results, it is clear that the extent or even the observation of kinking nonlinear elastic deformation of hexagonal crystals depends on orientation since what occurs in the A direction is less clear. What is clear, however, is that in this orientation the area within the reversible loops are smaller than those that form when the C planes are indented. More single crystal work is needed to understand the variations in response of various orientations. This last statement becomes less true as the c / a ratio increases.
IV. SUMMARY AND CONCLUSIONS
By converting load depth of penetration curves to stressstrain curves, together with postindentation SEM observations and previous work, 10, 14 we conclude that basal slip is initiated when both C and A orientations of GaN are indented with spherical nanoindenters. This is in contradistinction to our results on ZnO ͑Ref. 15͒ single crystals where a large hardness anisotropy is observed due to the activation of two different slip systems.
The reversibility during the cyclic nanoindentation was similar in nature to other KNE solids, suggesting that IKBs form under the indenters. The formation and annihilation of these IKBs, in turn, result in considerable amounts of energy dissipation per cycle. The possibility of the to-and-fro motion of MDW cannot be excluded at this time.
The results presented herein should, in principle, be helpful when understanding machining damage and, ultimately, device stability. Lastly, this work is another example of how nanoindentation stress-strain curves can be used to shed important light on the atomistics of the deformation processes in single crystals, which would be otherwise very difficult, if not impossible, to obtain. . ͑b͒ A orientation. The surface damage was caused by closely spaced ͑Ϸ20 m͒ square ͑4 ϫ 4͒ array indentations made with the 13.5 m tip and a 400 mN load.
